Revealing Extraordinary Intrinsic Tensile Plasticity in Gradient Nano-Grained Copper T. H. Fang,* W. L. Li,* N. R. Tao,* K. Lu † Nano-grained (NG) metals are believed to be strong but intrinsically brittle: Free-standing NG metals usually exhibit a tensile uniform elongation of a few percent. When a NG copper film is confined by a coarse-grained (CG) copper substrate with a gradient grain-size transition, tensile plasticity can be achieved in the NG film where strain localization is suppressed. The gradient NG film exhibits a 10 times higher yield strength and a tensile plasticity comparable to that of the CG substrate and can sustain a tensile true strain exceeding 100% without cracking. A mechanically driven grain boundary migration process with a substantial concomitant grain growth dominates plastic deformation of the gradient NG structure. The extraordinary intrinsic plasticity of gradient NG structures offers their potential for use as advanced coatings of bulk materials. E xtensive investigations over the past few decades indicated that with a substantial reduction of grain sizes into the nanometer regime, the strength of polycrystalline metals is greatly increased at the expense of their ductility (1, 2) . Free-standing nano-grained (NG) metals usually exhibit a very high strength and a very limited tensile ductility (with a uniform elongation of few percent) and almost no work-hardening before catastrophic failure (3) . The brittleness is believed to be an intrinsic "Achilles' heel" of NG metals because the conventional deformation mechanisms cease to operate: Dislocation slip is substantially suppressed by the extremely small grains (which accounts for the extreme strengthening in NG metals) and grain boundary (GB) sliding or diffusional creep is not active enough to accommodate plastic straining at ambient temperature (3).
Experimental observations hint that the observed brittleness in NG metals might be extrinsic rather than intrinsic. For instance, dimples have been observed in fracture surfaces of various NG metals, signifying substantial plastic deformation before failure (4, 5) . Large plastic strains can be obtained in other deformation modes such as compression and rolling (6, 7) . Indeed, limited tensile ductility of NG metals is often attributed to the absence of work-hardening of nano-sized grains, so that strain localization and early necking occur immediately after yielding. Thus, the intrinsic tensile plasticity may have not been revealed due to superimposition of the strain localization and early necking. Intrinsic tensile plasticity of NG samples might be detected provided the strain localization is effectively suppressed.
Previous studies (8, 9) showed that confinement by a ductile substrate is effective in suppressing strain localization in NG metal films under tension. Tensile elongation of NG Cu films adherent on a polymer substrate can be enhanced up to 10% before failure through debonding of the film and substrates. A higher ductility is expected if the strain localization in the NG film could be better suppressed. The elastic mismatch and the interface bonding between the film and the matrix are two key parameters controlling the confinement. Consequently, an ideal architecture might be a NG element metal film adherent on a coarsegrained (CG) substrate of the same metal with a graded grain-size transition between them. This gradient architecture without a shape interface between the NG film and the CG substrate, which is elastically homogeneous but plastically gradient, may offer unusual mechanical responses (10) and provide a unique opportunity for revealing the intrinsic tensile plasticity of NG metals without strain localization.
For synthesizing such an architecture, surface nanocrystallization of CG metals by means of surface plastic deformation techniques (11, 12 ) is a feasible option. Here, we have used a surface mechanical grinding treatment (SMGT) (13) for preparing a NG Cu film with a spatial gradient in grain size on a bulk CG Cu substrate and have achieved a large tensile plasticity in the NG structure and revealed a different governing deformation mechanism.
CG Cu dog-bone-shaped tensile bar specimens with a gauge diameter of 6 mm and gauge length of 20 mm were processed by means of SMGT at cryogenic temperature to form a NG surface layer in the gauge section ( Fig. 1) (14) . After treatment, the topmost layer of the specimens consists of nanosized elongated grains with random crystallographic orientations (Fig. 1, D and E), with an average transversal grain size of about 20 nm and an aspect ratio of 2.0 (Fig. 1F) . Transmission electron microscopy (TEM) measurements showed an increasing grain size gradually with an increasing depth. The average transversal grain sizes are <100 nm in the top 60-mm-thick layer and increase to about 300 nm in a depth of 60 to 150 mm. Below 150-mm depth are typical deformation structures in coarse grains, characterized by dislocation tangles or dislocation cells with sizes ranging from submicrometers to micrometers. The thickness of the deformed CG layer is about 500 to 700 mm. In the top 150-mm-thick layer, a gradient nano-grained (GNG) structure with grain sizes varying from 20 to 300 nm is formed on the CG substrate.
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†To whom correspondence should be addressed. E-mail: lu@imr.ac.cn The top 50-mm-thick surface layer was removed from the as-prepared SMGT Cu sample and cut into a dog-bone tensile specimen. Quasi-static tensile tests of the free-standing GNG foil showed a yield strength of~660 MPa and a uniform elongation of <2% (Fig. 2A) . The measured yield strength, about 10 times that of the CG Cu (63 T 3 MPa), is consistent quantitatively with that calculated from the Hall-Petch relation based on the measured grain sizes. Such a strong-and-brittle tensile behavior of the GNG foil is analogous to that reported in the literature (15) . Tensile tests of the SMGT bar samples with a GNG/CG architecture (14) showed a yield strength (0.2% offset) of 129 T 17 MPa ( Fig. 2A) , twice that of the CG sample. This yield strength increment is reasonably attributed to the strong GNG surface layer and the deformed CG layer. Summing up the estimated strengths of the GNG layer, the deformed CG layer, and the CG core following the rule-of-mixture resulted in a yield strength of about 135 MPa, in good agreement with the measured value.
In contrast to the brittle failure of the free-standing GNG foil, quasi-static tension of the GNG/CG bar samples showed that the GNG surface layer deforms coherently with the CG core in the uniform elongation stage without any surface cracking or delaminating, and the surface roughness is slightly changed (Fig. 2B) . After necking, the coherent deformation of the GNG layer and CG core continues, analogous to that of the tensile sample with a monolithic CG structure. No surface cracking or delaminating was detected even in the neck region where the true strain exceeds 100%. The deformed GNG/CG sample surface is much smoother than the deformed CG, both during the uniform deformation and after necking (Fig. 2B) .
From more than two dozen tensile tests, we observe a uniform elongation of 31 T 2% in the GNG/CG sample, which is similar to that of the CG tensile sample with a gauge diameter of 4.5 mm (32 T 2%). Because the diameter of the deformation-free CG core in the GNG/CG tensile bar is about 4.5 mm, it is believed that the tensile plasticity of the GNG/CG sample is limited by the CG substrate whereas the GNG layer has no detrimental influence on plasticity. Hence, tensile plasticity of the GNG layer is, at least, comparable to that of the CG substrate. Apparently, strain localization in the GNG layer under tension is completely suppressed by the CG substrate with a gradient architecture, of which the tensile behaviors differ fundamentally from that of the freestanding NG samples. The confined GNG layer exhibits a 10-times higher yield strength and a tensile ductility comparable to that of the CG substrate.
For a direct comparison of the tensile plasticity between the GNG and the CG structures, the top 750-mm-thick layer was removed from the SMGT Cu sample and cut into a thin foil tensile specimen, of which one side is of NG structure and the other is CG. Both sides were chemically polished to a roughness in the nanometer regime. Upon tensile loading, plastic deformation occurred uniformly throughout the foil after yielding at about 280 MPa. Necking is seen in three dimensions in the middle of the tensile specimen at a nominal strain of 20% (Fig. 3 , A to C). Distinct surface morphologies have developed on the two surfaces.
At a nominal strain of 5%, elongated hollows appeared roughly vertical to the tension direction in the NG surface, submicrometers to micrometers wide and several micrometers long (Fig.  3E) . Their depths range from a few to several tens of nanometers. At larger strains, more hollows were formed with larger width. In the neck region (Fig. 3F) , hollows are linked, forming a uniform surface morphology with a roughness below 100 nm, without any cracking. In the CG surface, increasing dislocation slip is observed in coarse grains with an increasing strain (Fig. 3H ). In the neck region, much larger surface roughness (micrometer-scale) is induced by intensive slip. In addition, small cracks of several micrometers in length were identified at GBs (Fig. 3I) , indicating that plastic strain between neighboring grains could not be accommodated by slip and strain localization onsets. Further straining results in Fig. 2. (A) Quasi-static tensile engineering stress-strain curves for the CG Cu bar sample with a gauge diameter of 4.5 mm, the GNG/CG bar sample, and a free-standing GNG foil sample (the top 50-mm-thick layer was removed from the GNG/CG sample, gauge dimensions: 4 mm by 2 mm by 0.05 mm), respectively. Strain rate is 6 × 10
. Inset shows the tensile GNG/CG bar samples before and after tension (with a nominal strain of 30%). (B) Measured surface height variation profiles in gauge sections of the GNG/CG and the CG bar samples before (both with the same surface roughness) and after tension (with a strain of 30%). Downloaded from more cracks that propagate toward the GNG side across the specimen. Plastic deformation is more uniform and better accommodated in the GNG layer than that in the CG, implying that the GNG structure may possess a higher tensile deformability than the CG structure in which cracks form preferentially under the same loading condition.
To reveal the deformation mechanism, we examined microstructures in the GNG layer that underwent different strains in the tensile bar samples after failure (Fig. 4A) . The true strain (e T ) at different positions can be estimated from the gauge diameter (D) by e T = ln(D 0 2 /D 2 ) (where D 0 is the original gauge diameter). At position B (e T = 24%), microstructures in the GNG layer seem coarser than the as-processed state, but details cannot be clearly imaged under scanning electron microscopy (SEM). At e T = 54% (Fig. 4C) , grain growth is apparent in the GNG layer and roughly equiaxed submicrometer-sized grains with random orientations are developed. At e T = 127% (Fig. 4D) , grains become even coarser and elongated (roughly along the loading direction, aspect ratio of~2.0) with a f011g〈112〉 rolling texture.
Cross-sectional TEM observations revealed grain coarsening at a strain of 10%, and a large number of submicrometer-sized grains appeared throughout the GNG layer. At e T = 33%, TEM images from different orientations showed that most grains become submicrometer-sized, at which dislocation density is rather low (as in Fig.  4E , some grains are basically dislocation-free as outlined). The area-weighted cumulative grain size distribution in the top GNG layer ( fig. S2 ) and the slightly changed aspect ratio of grains (1.9 to 2.0) indicated a pronounced inhomogeneous grain growth process, i.e., some grains grow preferentially at the expense of others. The same grain growth mechanism was identified in the entire GNG layer at different depths with increasing strains. The observed grain growth in the GNG layer corresponds to a drop in microhardness from about 1.6 T 0.11 GPa in the top layer before tension to 1.2 T 0.12 GPa at a true strain of 30%.
The microstructure observations preclude conventional deformation mechanisms in plastic deformation of the GNG layer, such as dislocation slip and diffusion-controlled processes (e.g., Coble creep). The grain growth, which dominates the plastic deformation of the present sample, can be reasonably interpreted as a mechanically driven GB migration process, similar to previous observations in NG metals (16) (17) (18) (19) (20) (21) (22) (23) . Mechanically induced grain growth at room temperature has been reported in NG samples under indentation (16, 17) , compression (18, 19) , and tensile loading (20) (21) (22) (23) , and has also been seen in molecular dynamic simulations (24) . The estimated GB migration velocity in terms of the grain growth data in the GNG layer is of the same order of magnitude as that reported in a NG Al tensile sample (22) . But the observed GB displacements, as large as micrometers, are much larger than the reported results (up to submicrometers). Although such a large GB displacement at room temperature is difficult to explain with existing models (25, 26) , it could be understood as the result of an energy release due to substantial defect annihilation in the nanostructures, which can accommodate the large plastic strains.
With an increasing true strain (or true stress, which scales with true strain), the average grain size increases substantially and tends to saturation when e T > 80% (Fig. 4F) . It implies that the dominant plastic deformation mechanism shifts from the mechanically driven GB migration to conventional dislocation slip when grain sizes are large enough, as verified by the observed rolling texture (Fig. 4D) . In the top surface layer, grain growth rates are lower, with a smaller saturated grain size (~400 nm) than that in the subsurface layer, which might be attributed to the varied grain morphology and GB structures along depth. A large fraction of GBs in the top GNG layer were derived from twin boundaries (TBs) induced by high strain rates, whereas in the subsurface layer with much lower strain rates, most GBs are conventional high-angle boundaries derived from dislocation structures (27) . Hence, GBs in the subsurface layer possess a higher excess energy than those TB-like boundaries in the top layer, as verified by diffusivity measurements (28) .
Our study shows that NG metals are not only strong but also intrinsically ductile as long as strain localization is effectively suppressed. The extraordinary plasticity of the NG structures originates from a deformation mechanism with concomitant mechanically driven growth of nano-sized grains. The intrinsic mechanical properties of NG materials and the GNG/CG architecture provide an approach for enhancing strength-ductility synergy of materials and offer the potential for using gradient NG layers as advanced coatings of bulk materials. 
